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ABSTRACT

This report describes research carried out to investigate the fracture behavior of

ultra-low-carbon bainitic steels. Eight materials have been evaluated using notched-bar

bend tests, tensile tests and Charpy V-notch impact tests, which were performed over a

range of temperatures from -196 0 C to +100°C. These tests measured the cleavage frac-

ture strength and the ductile-to-brittle transition temperature (DBT) under impact

loading. The materials evaluated had carbon levels of less than 0.03%, manganese level

from I to 2%, and microalloying additions of niobium, titanium and boron. Some alloys

also contained molybdenum and nickel. Some of the materials were subjected to simu-

lated heat-affected-zone (HAZ) thermal cycle and other thermal- mechanical treatments.

The fracture surfaces of the specimens were examined using the scanning electron micro-
scope (SEM) and energy dispersive x-ray analysis. The results of the fracture tests and

analyses indicate that the cleavage fracture strength of these materials can vary from

1650 to 2300 MPa. High cleavage fracture strength may be achieved with either a polyg-

onal ferrite or an acicular/bainitic structure, but the high cleavage fracture strength of
the polygonal ferrite structure material was reduced as a result of a simulated thermal
HAZ cycle. The materials with high cleavage fracture strengths are characterized by a
low DBTT, fracture surfaces with small quasi-cleavage facets, and no observable (in
SEM) initiation sites. Materials with low cleavage fracture strengths are characterized
by high DBTT fracture surfaces with larger quasiclea'iage facets, and initiation sites as-
sociated with titanium nitride (TiN) cubes. Although these cubes appear to be present in
both the low and high toughness materials, they are active initiation sites only in the low
toughness material. The nature of the relationship between the low cieavage strength and
the TiN cubes at the initiation sites is not understood and requires more investigation to

characterize.

ADMINISTRATIVE INFORMATION

This investigation was funded by the Submarine Material Block Program. The pro-
gram sponsor is Mr. I. Caplan, David Taylor Naval Ship R&D Center (Code 012.5) and
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marano. This report satisfies Milestones MA1.5/1, and MA1.5/2. This report also
satisfies Milestone RF4.3/3 and RF4.3/4 in work unit 1-2803-175-19.

INTRODUCTION

The steels used in ship construction must have certain properties which are neces-
sary for the integrity and durability of the ship. Second only to strength, the fracture
toughness of the construction steel is of utmost importance, especially when considering
combatant vessels. Such steels not only need to be strong enough to support the loads
generated by the weight and movement of the ship but must continue to function after
large amounts of deformation These properties have been needed since the mid-19th
century with the armor-clad ships of the American Civil War (1). Such plates fastened
with rivets were used up to the time of the World War II. At that time the riveting tech-

nique was being replaced with new welding processes for ship construction 11]. The
utilization of these new fabrication techniques allowed ships to be produced more eco-
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nomically with improved integrity. The initial application of such technology produced
mixed results, the most notorious of which was the failures of the "Liberty Ships" [1].
These assembly-line constructed ships were welded with poor attention to structural de-
tails using steel of poor toughness. Of the more than 2500 Liberty ships built, 408 had
very large cracks in !heir hulls which were not the results of adverse conditions but, rath-
er. normal operating conditions [1]. The application of welding technology to the
construction of combatant ships was performed with greater caution, which prevented a
repetition of the Liberty Ship problems. This was accomplished by modifying the steels
and adjusting the welding techniques. The best example of improved steel with high
strength is HY-80 [2]. This steel was developed from a late nineteenth century German
armor steel developed by the Krupp Company. The steel chemistry was modified to miti-
gate the loss of toughness in the weld-heat-affected zone. The welding process was
restricted to the use of low hydrogen (non-cellulose) electrodes and a minimum preheat
of 2500 F (121 0C) to reduce the level of hydrogen in the weld. Additionally, the heat in-
put rate was initially limited to 55 Id/in (22 k/cm) in order to assure the retention of the
martensitic microstructure [3. 41. These changes restricted the use of this steel to critical
applications only, because of the high welding cost involved.

Although HY-80 steel has been used for critical application since the mid-1950's
the alloy is not universally accepted as being totally weldable. When Litton Industries
was contracted by the U.S. Navy to build a new class of surface ships using steel with a
yield strength of 80 ksi (560 MPa) it was suggested that HY--80 not be used due to the
high construction cost. The steel that was accepted by the U.S. Navy for use in place of
HY-80 for non-critical appitcations was a modified ASTM Grade A710 steel. This steel
was designated HSLA-80 by the U.S. Navy [5]. The steel was originally developed as a
line pipe fitting steel by International Nickel Company and was called IN 787. It is a low
carbon-manganese steel strengthened with a fine precipitate of copper in a ferrite matrix
[61. The steel is weldable without the need for any preheat and has toughness comparable
to that of HY- ?0. This steel was not developed as a modified version of a pre-existing
steel as was HY-80 but was the result of the application of modern metallurgical princi-
ples and the up-to-date steel making techniques of the 1970's. The U.S. Navy's ac-
ceptance of IN 787 as a new ship construction steel has kindled an increase in research of
steel ntafl!urgy. The goal of this new research is to apy the latest in steelmaking tech-
nology ad metallurgical understanding to develop steels which are optimized for
strength, toughness, and weldability.

The purpose of this research is to investigate some of these modem steels and try to
understand the metallurgical interactions which control the strength, toughness and weld-
ability, The ultimate goal of the overall research program, of which this investigation is
part, is to aid the development and production of high strength, weldable steel with supe-
rior fracture toughness while keeping the steel production and ship fabrication costs to a
minimum.

BACKGROUND

LOW CARBON STEEL

The pi mary considerati, ,io ior a structura! sf, el used in ship construction are listed
as follows:

2 DTRC-SME--90/39



1. l-lgn strength - in the range of 65 to 100 ksi (450 to 700 MPa);

Toughness: ductile-to-brittle transition temperatures should be very low
(below the lowest assumed service temperature);

3. Weldability: should be weldable without preheat and with minimal loss of
properties in the heat-affected-zone (HAZ);

4. Cost: Should not exceed the current price of HY-80 steel.

This range of required properties is not easily achieved in commercial steels, espe-
cially in light of the required plate thicknesses of over 1-inch (>25 mm). The indicated
strength range cannot be easily produced with polygonal ferrite steels. However, struc-
tures of bainite or quenched and tempered (Q+T) martensite can be produced with such
strength level. The Q+T martensite structure, as in HY-80 steel, has two inherent draw-
backs. First, the cooling rates needed to produce martensite in the heat affected zone
(-IAZ) of the weld would usually limit the maximum heat input to about 55 kJ/in. (22kJ/
cm) [3], which is below the 60 to 150 KJ/in (24-60 Id/cm) range of normal industrial
practice. The second drawback to Q+T steel is the added cost resulting from the thermal
energy needed to quench and temper. One approach is that the plate material should have
a bainite structure which resulted from air cooling. The focus of this research is to inves-
tigate such material; to understand the factors tha control the fracture toughness of
bainitic steel.

In 1965, Irvine and Pickering [7] published the results of their research on high car-
bon bainitic steels. The composition of the steels ranged from 0.10 to 1.06% carbon with
0.5% molybdenum and some boron. The structures were all produced by air cooling and
had strengths in the range of 60 to 150 ksi (400 to 1000 MPa) yield strength. The authors
were able to identify two forms of oainite; "upper bainite", which had carbon rejected
between the bainite lathes, and "lower bainite", which had carbon precipitated within the
lath structure. The austenite to bainite transformation temperature was controlled by the
chemical composition of the steel which in turn controlled the strength (Fig. 1). These air
cooled structures were mainly the result of the use of boron as an alloying element. Bo-
ron is extremely effective in increasing hardenability by suppressing the nucleation of
polygonal ferrite. This effect on the transformation kinetics of steel is shown in Fig. 2.
This alloying addition, however, has experienced minimal use since its commercial intro-
duction in 1938 at the Wisconsin Steel Works.

A study by Irani and Tither [8] investigated steels with carbon levels from 0.03 to
0.095% carbon. These steels were quenched to produce bainite or (when the carbon was
low) acicular ferrite. The steels had yield strength levels in the range of 40 to 80 ksi (280
to 560 MPa). The acicular ferrite structure had impact toughness properties which were
superior to those of the bainitic structures. This study verified some earlier work by Ir-
vine and Pickering [9] which had shown that low-carbon lower bainite had improved
impact toughness transition (I'TT) temperature compared with the low carbon upper bai-
nites (Fig. 3). It also appears that the distinction between low carbon lower bainite and
acicular ferrite is not clear.

During this same period of time, work by McEvily and co-workers [10, 11] at Ford
Research Laboratory produced an alloy which was both air cooled and low in carbon,
with an acicular/bainitic structure. The alloy was composed of 0.03-C, 3Mo. 3-Ni.
0.7-Mn, 0.3-Si, and 0.5-Nb and had a yield strength of over 100 ksi (700 MPa) with ex-

DTRC-SME-90139



cellent low temperature impact toughness (Fig. 4). McEvily and co-workers, in order to
increase hardenability, substituted significant alloying additions instead of the small bo-
ron additions of the Irvine and Pickering work [7]. The Ford alloy also had very low
carbon to improve resistance to cleavage cracking. This effect was also reported in the
previous work of other investigators [7, 81. The toughness of this alloy was significantly
enhanced with the addition of nickel.

Nickel is one of a few alloying additions which has the effect of increasing strength
and lowering the impact toughness transition (MlT) temperature as reported by Gensamer
112] in 1959. He reported that a 3.4% addition to low carbon iron could lower the ITT

temperature by approximately 60'F (33°C). This effect was reported to be the result of
alloy softening (reduction in yield strength) at low temperature. Later, in 1968, Jolley
113] reported a similar effect of 3.28% Ni in low carbon iron and concluded that the im-
provement in low temperature fracture properties was due to a change in slip behavior
and a reduced strain rate effect on low temperature strength. In a larger study, Leslie and
coworkers[ 14] reported the results of the effects of the alloying additions Ni, Cr, Mn, and
Si on the impact toughness of low-carbon iron. Their study con,,Iuded that only Ni clear-
ly improved strength and impact toughness. The lower ITT temperature obtained with
nickel additions was believed to be the result of enhanced cross slip at low temperatures
making cleavage propagation difficult, and that alloy softening was not a significant fac-
tor. Further studies by Floreen and co-workers[15], Norstrom and Vingsbo [16] and
Hilderbrandt and Dickenscheid [17] investigated the effect of nickel on the ITT tempera-
ture of low-carbon steel, with similar findings. Hilderbrandt and Dickenscheid concluded
that nickel modities the lattice structure, increasing the number of active slip planes at the
lower temperatures. This effect produces more ductility, alloy softening, and less strain
rate dependence at low temperatures.

Although the properties of the Ford alloy developed by McEvily and co-workers
were very impressive even by today's standards, the alloy was expensive and difficult to
produce. The expense resulted from the 6% of Ni and Mo present which are very costly
alloy additions. The difficulty resulted from the very low carbon level needed for good
toughness, namely 0.03%. This level was very difficult for steel mills of the 1970's to
achieve. Otherwise the alloy fulfilled all the requirements of a modem ship construction
steel. It exceeded strength goals with a very low lMt temperature, and with the low car-
bon level (0.03%) good weldability is expected. This good weldability is suggested from
the results of the Graville [18] investigation of cold cracking susceptibility in HSLA
(high strength low alloy) steels. These results indicated that all of the carbon equivalent
(CE) equations, based on alloy hardenability and used to measure the base plate resis-
tance to hydrogen cracking from welding, may be meaningless for alloys with less than
0.10% carbon. These low carbon alloys were all resistant to cold cracking regardless of
the value of the CE equation as shown in Fig. 5. Therefore the idea of a low carbon acic-
ular/bainitic air cooled steel was still attractive and only needed a more economical alloy
system.

Another approach to this alloy design was being reported by investigators at the Cli-
max Molybdenum Laboratory. This work by Smith. Coldren, Cryderman and
Semchyshen[19, 20, 21] was to develop a new high toughness, weldable alloy for use in
high strength pipelines. The investigation was conducted with available steel making
practice in mind. The results of their work produced a steel with a composition of
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0.591c-C, 1.6%-Mn, 0.25%--Mo, and 0.05%-Nb, which is one of a family of low-carbon
manganese-molybdenum-niobium steels. The commercial spray-cooled heat of this steel
produced a yield strength of 70 ksi (490 MPa) with a Charpy V-notch ITT of -76'F
(-600C).

The design philo.ophy used for this alloy required that the steel be low carbon with
a nearly 100% acicular ferrite structure, allowing for some fine ferrite. Since the final
plate thickness required was 1/2 inch (13mm), spray cooling could be employed to reduce
the transformation temperature, rather than alloying alone. Although other alloy systems
which used boron to replace some of the molybdenum and manganese were investigated,
[19] the alloy containing Mn-Mo-Nb was finally chosen. The advantages of a low-car-
bon manganese steel have been reported by previous investigators. Josefsson [221 had
reported that reducing the carbon level in a carbon manganese steel would reduce the ITT
temperature. However there appeared to be some optimum carbon level between 0.002%
and 0.05% which would maximize toughness. Allen and co-workers [23] also reported
on their work with carbon manganese alloys. They found for alloys with 0.05% carbon
or less, that additions of up to 2% manganese would both increase the strength and reduce
the ITT temperature of the alloy. Similar results were reported by Reinbolt and Harris
[24]. The beneficial effects of manganese are not as direct as those of nickel because it
was shown by Roberts [25] that the main effect of manganese on ITT temperature is to
reduce the final grain size of the transformed structure. This is the result of the ability of
manganese to reduce the transformation temperature of the austenite-to-ferrite reaction.
Roberts [25] reported that, discounting the grain refinement, manganese had very little
effect on the ITT temperature. However, this is still a good attribute of manganese since
it is a useful alloy for increasing strength without reducing toughness.

The grain refining effect mentioned above is very much like the effect produced by
nickel additions. By refining the grain size, the alloy will experience both an increase in
strength and a decrease in IT temperature, as reported by Petch [26, 27]. It was also
shown by Low [28] that refining the grain size of steel increases the cleavage fracture
stress. Modem steelmaking often utilizes grain refining for property enhancement. The
process is performed either through the deformation and recrystallization of the austenite
with Nb(C,N) during hot working, or by controlling austenite decomposition reactions to
maximize the nucleation rate of new grains, or by a mixture of both mechanisms. In or-
der to successfully use grain refining, careful alloy design and proper thermo-mechanical
processing must be employed.

The design philosophy used at Climax Molybdenum was also being employed in the
early 1970's by McCutcheon and co-workers in Canada [29], Tanaka and co-workers in
Japan [30], and others to develop low-carbon high manganese steel with some microal-
loving. These steels developed microstructures of fine austenite grain size with nearly
100% acicular ferrite, yield strengths over 70 ksi (490 Mpa), and low FIT temperatures
often less than -80OF (-620 C).

In 1981. Lander and co-workers [31] suggested that the addition of a small amount
of titanium (0.0 12 to 0016%) would increase the strength-toughness balance of steels
with either an ,'cicular ferrite or mixed microstructures. The advantages of titanium in
the form of TiN is that it is stable to higher temperatures than Nb(CN). thus increasing
the temperature range for austenite grain refinement from hot working. This microalloy-
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ing tool was used by Nippon Steel Corp. to develop a family of steels called "Ultra-Low-
Carbon Bainitic Steel." ULCB steel, as reported by Nakasugi and co-workers[ 32, 33].

The ULCB steels are based on a very low carbon steel with 2% manganese and mi-
croalloying additions of Nb, Ti, B, and Al. The chemical compositions of the X-65,
X-70 and X-80 grades of ULCB steel are listed in Table 1. 'These steels are modem ex-
tensions of the older low-carbon manganese-molybdenum-niobium steels developed by
Climax Molybdenum. However, Nippon Steel has included the use of boron to increase
hardenability, as demonstrated by Irvine and Pickering [ 9] and hence to permit air cool-
ing. These steels also had the very low carbon levels of the Ford alloy [10, 11]. In
addition, titanium was used to protect the boron from nitrogen by forming fine TiN which
promotes austenite grain refining during hot working. It appears that every component of
these alloys was designed with the goal of optimizing strength and low temperature
toughness. The mechanical properties and Charpy V-notch toughness are listed in Table
2. The properties of these steels appear to be attractive; however, there are drawbacks.
The 0.02% carbon level can be achieved in many modem steelmaking facilities through-
out the world but only with the use of expensive electrolytic manganese and not
(carbon-bearing) ferro-manganese. An additional drawback is the need for high quality
steelmaking practices since the composition limits and processing procedures are very
stringent. However, this problem is likely to diminish in the near future as steel produc-
ers modernize their facilities.

The microstructures and the properties of these ULCB steels and other developing
steels of similar types are the subject of the present investigation. In order to control the
fracture behavior of these modem low-carbon steels, the metallurgist must identify and
understand the fracture-controlling mechanisms which operate in both the base plate and
the heat affected zone. This is pursued in the research by employing fracture mechanics
and the concept of the cleavage fracture stress and associated toughness parameters to the
microstructure.

BACKGROUND

FRACTURE MECHANICS

The field of fracture and fracture mechanics attempts to understand and describe the
behavior of materials in the presence of a crack or a flaw. This knowledge is crucial for
the proper use of modem high strength steel. Not only are these steels as flaw-sensitive as
other materials, such as high strength aluminum or titanium, but they also display a large
variation in fracture behavior due to temperature-sensitive fracture-mode changes. This
ductile-to-brittle-transition can cause a tough structural steel to behave more like a brittle
glass. Since toughness and strength are required of materials used in most critical struc-
tures, it is necessary that the full range of fracture behavior be understood and controlled.
This section will review the history and state of the science of the fractuire of steels.

The first significant development in the understanding of the ductile-to-brittle tran-
sition in steels was contributed by Orowan in 1945 [34]. He developed a model to
explain the observed notch behavior of steel. This behavior was such that above a certain
temperature both smooth and notched specimens of a given steel were ductile and failed
as the result of significant loads and plastic deformation. As the temperature was low-
ered, however, the notched bar first displayed brittle fracture occurring with little or no
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observed plastic deformation while the smooth bar remained ductile, and at a lower tem-
perature still both the smooth and notch bars failed in a brittle fashion. Orowan
postulated that there was a single, brittle fracture stress for each material that was not
strongly dependent upon temperature. When the applied stress in the steel exceeded this
brittle fracture stress, the metal would fail by brittle cleavage. The temperature depen-
dence of this event was the result of the fact that the yield strength of the metal would
increase as the temperature was decreased. Therefore, above a certain temperature, the
steel would yield before it could sustain the stress needed to cause cleavage fracture. The
difference in temperature dependence of the smooth and notched bars was due to the
stress elevation known to occur in the vicinity of a notch. Orowan calculated this stress
intensification factor with the use of slip line fields for a bar with two co-planar surface
cracks. The value of the maximum stress below the notch was 2.57 times the yield
strength. In this way, the notched bar could generate the high stresses needed to initiate
cleavage while the yield stress of the steel was still less than that of the cleavage fracture
stress. This is shown schematically in Fig. 6. Although this concept explained the ob-
served behavior, there was no experimental data to prove the model, nor did the model
give any indication of what in the metal controlled the cleavage fracture stress.

An earlier attempt to model crack extension from a flaw in a brittle material was
presented by Griffith in 1920 [35]. This model was based on a thermodynamic approach
which equated the change in stored elastic energy to the energy needed to create the new
surfaces of the growing crack. The model assumed complete linear elasticity and pro-
duced the following equation for a crack in a tensile stress field:

(og2Tr)/E' = 2 ye (1)

where s = applied stress

a = 1/2 total crack length

y, = surface energy

E = effective modulus

= E in plane stress, or E/(1-v) in plane stress

V = Poisson's ratio

The equation can be used to predict the fracture stress (of) of brittle materials when
in the following form:

(of) = ((2 E' ye)/(.7 a))1/ 2  (2)

Although the applicability of the equation was limited to only very brittle materials,
it did demonstrate that a global parameter like stress could be related to the crack tip be-
havior without exact knowledge of the crack tip processes. This concept led to the
development of the energy release rate parameter G. This parameter measured the
change in the stored elastic energy of a specimen as a function of crack extension.

The acceptance and strength of a critical value of G as a fracture toughness parame-
ter was the result of Irwin's [36, 371 demonstration that the value of the energy release
rate could be related to the stress field near the crack tip. These stress field equations
were generated using the Westergaard solutions [38] for the equations describing the con-
tact stresses for two plates in compression, with reversed loading conditions. Analysis
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and inspection of the stress field equations lead to the stress intensity parameter K, which

is defined for a crack in an infinite body as:

K = a (3r a) 1/ 2  (3)

It was demonstrated that these K stress intensity fields could be used to calculate the
strain energy release rate G. The proof requires the integration of the stresses and dis-
placements at the crack tip needed to close it an amount da. This energy is then equated
to G. The results were as follows:

Gda = (c 2 ra/E') da (4)

And substituting equation 3 the solution produces:

G = K2 E '  (5)

Thus the global parameters used to calculate the energy release rate could be related to
crack tip processes.

The stress intensity factor K as a fracture mechanics parameter has received wide
acceptance and is used to measure the resistance of high strength steels to crack exten-
sion. However, there is a significant limitation to the use of this concept. The limitation
is imposed by the use of linear elasticity to describe the material behavior. The stress in-
tensity solutions describe the stresses as approaching an infinite value close to the crack
tip as shown in Fig 7. Since real metals have finite yield strengths, the K solution cannot
properly describe the stress field near the crack tip where yielding and plasticity occur.
To mitigate this problem, linear elastic fracture mechanics (LEFM) could only be applied
when the plastic zone was very small compared to the specimen or crack size. The actual
stress field at a crack tip can now be modeled using a combination of LEFM, finite ele-
ment analysis and actual material properties. However, the calculation of the Orowan
cleavage fracture stress from K values is difficult, as will be discussed below.

The cleavage fracture stress can be measured using notched specimens which do not
have the stress singularity at the tip. This method as described by Knott and Cottrell [291
uses the results of a slip line field analysis to calculate the stress multiplication factor (Q)
for a notch [40] in a material at general yield. This Q factor at the point of general yield
can be calculated from the notch angle E (Fig. 8) as follows:

Q = 1.15 ay (1 +3r/2-0/2) (6)

Knott then reported that this technique could measure the brittle fracture stress in
steels and that these values were temperature independent for a given steel [41], as shown
in Fig. 9. This cleavage fracture stress was the maximum stress generated below the
notch and was therefore associated with the process of cleavage propagation. The tech-
nique of using notched bars to measure the cleavage fracture stress was improved with
the published finite element solution of near notch tip stresses by Griffiths and Owen
[43]. This solution was based on a real steel with a hardening coefficient of 0.1, rather
than the assumed perfectly-plastic material behavior of the slip line-field solution. A
comparison of the two solutions is shown in Fig. 10. With this tool researchers can mea-
sure the stress of a micro-mechanical process in various materials.
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When examining the fracture surface or microstructure under the fracture surfaces

of a steel specimen it is often difficult to identify the actual initiation site of the cleavage
fracture. However, some careful studies of steel microscopically examined after various
level of interrupted deformation have been of help. The results of McMahon and Cohen
[44] revealed that plastic deformation can cause grain boundary carbides to crack and
initiate a transgranular crack. In addition, it was observed that these cracks could arrest at
discontinuities such as grain boundaries and remain benign. Such evidence indicates that
plastic deformation is a necessary but not sufficient event for cleavage fracture. This
agrees with the observations reported by Low [45] that the cleavage fracture stress in ten-
sion was the same as the yield stress in compression of steel tested at various
temperatures, as shown in Fig. 11.

The effects of the observed cracked carbides on the cleavage fracture process were
modeled by Smith [46] using dislocation theory. The resulting equations for the effective
shear stress needed to crack a grain boundary carbide or grow a crack from a grain
boundary are given below:

T, = (Tv - T) > ((4E' yc)/(n d)) (7)

TS = (Tv- Ti) > ((4E' yfp/(.r d)) (8)

where T. = effective shear stress

T= applied shear stress

T= internal shear stress

Yc = surface energy of carbide

"= surface energy of ferrite matrix

d = grain size

The model which linked the concept of the Orowan's cleavage fracture stress to the
Irwin stress intensity factor K was published by Ritchie, Knott, and Rice [47], and is
known as the RKR model. This model assumed that cleavage fracture would occur if the
cleavage fracture stress was applied over a microstructural component controlling the
initiation of the cleavage failure. The size of the microstructural feature which is active
in the f-acture process was called the characteristic distance or length. Since the cleavage
fracture stress and the microstructure do not change as a function of the fracture test tem-
perature, the variation in KIc with temperature was felt to be due to the change in yield
strength. The RKR model used the Smith [46] approach to relate the microstructure to a
cleavage fracture stress and an elastic-plastic stress distribution for a sharp crack [48] to
relate the cleavage stress within the plastic zone to the applied stress intensity level. The
feature of the microstructure controlling cleavage for a mild steel was assumed to be a
function of the grain size. This assumption was based on the well established relationship
between cleavage toughness and grain size in mild steel. The results of this analysis for
two assumed multiples of grain size are shown in Fig. 12. The best fit was accomplished
when the microstructural controlling feature or characteristic distance was assumed to be
twice the grain size of the steel. The value of two grain sizes was not believed to be a
universal factor but the RKR model was accepted as the description of the interaction of
microstructure and measured cleavage fracture toughness.
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Using the RKR model, Curry and Knott [49] investigated the cleavage fracture re-
sistance of mild steel as a function of grain sizes from 12 to 85 pm. Their results showed
that there was no characteristic distance that was a fixed multiple of the grain size.
These results are reproduced in Fig. 13. Since the ratio of the characteristic distance to
grain size increased as the grain size decreased, the controlling mechanism could be re-
lated to the carbide size and distribution. After further investigation Curry and Knott
reported [50] that the critical cleavage fracture stress could be related to the largest (top
5%) carbides in the microstructure. They proposed a relationship between these carbides
and the fracture stress using a modification of the Smith model [46]. Their expression
substituted the Hall-Petch relation for the grain size. The resulting equation is shown be-
low:

of + (k2/Co)(1 + (47T, Co 2 )/;r)2 > 4E' y,/' Co (9)

where of = fracture stress

k = Hall-Petch parameter for grain size to yield strength

Co = carbide thickness

T = lattice friction stress

ye = effective surface energy

E' = effective modulus

Curry and Knott showed this linear relationship between the fracture stress and the
largest carbides (Fig. 14). They also reported that the data could be fitted with a modified
Griffith expression for a penny-shaped crack in a tensile stress field (Eq. 10) and an as-
sumed effective surface energy of 14 J/m.

af = ((;r E' ye)/(2r)) 1/ 2  (10)

r = radius

of = critical fracture stress

The fracture stress measurements plotted in Fig. 14 were obtained using a notch
bend test where the maximum tensile stress is produced over an area which is large com-
pared with the carbide spacing. The stress distribution created by a sharp crack is very
different. The maximum stress can be much greater and the stress gradient is much steep-
er. Therefore it would be possible for a smaller carbide (less than the largest 5%) to be in
a region of the plastic zone with a stress higher than the fracture stress measured by notch
bend tests. This smaller carbide could conceivably initiate the cleavage fracture process
if a larger carbide was not in a highly stressed region. Curry and Knott [51] suggested a
statistical approach would be needed to model the cleavage fracture process from a sharp
crack. The model must take into account the carbide distribution, the stress distribution
and the probability that a cracked carbide would be in a volume stressed sufficiently to
grow the crack into the ferrite matrix. The carbide distribution needed to support this
model would only need to consider particles from about 0.02 p.m in size and greater.
Carbides smaller than this size would require cleavage fracture stresses that are much
greater than those generated in the plastic zone of a sharp crack. In steels with a fine car-
bide precipitate due to low carbon level or microstructure control, the cleavage
controlling microstructural features may not be carbides but large non-metallic inclusions
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as was shown by Tweed and Knott [52, 53) and later by McRobie and Knott [54]. These
non-carbide crack starters obeyed the same laws as the carbides and could be modeled
using Eq. 10. It appears that a proper understanding of the cleavage fracture process in
steels requires a knowledge of the size, shape, and distribution of the possible crack start-
ers such as carbides and non-metallic inclusions. It is also necessary to know some bulk
material properties such as modulus, yield strength, and the effective surface energy of
the steel. Additionally, a description of the stress field of interest is needed, whether it is
that of a sharp crack or a notch. And finally, a statistical model is needed to assess the
probability that enough likely crack starters will be present in highly stressed regions of
the plastic zone to initiate the propagation of a cleavage crack.

In summary, the cleavage fracture behavior of carbon steels has been the subject of
considerable research in revealing the micro-mechanics of cleavage fracture. The devel-
oping family of ULCB steels have shown very promising mechanical properties which
could lead to the development of many new high strength, tough, weldable steels. In or-
der to facilitate this development, more research is needed to uncover the fraruiie
controlling mechanisms responsible for the toughness of ULCB steel. The objective of
the research described in this report was to investigate the cleavage fracture behavior of
several ultra-low-carbon-bainitic steels and identify the features which control, or con-
tribute to, the fracture behavior of the steel. Such an understanding would help lead to
improved toughness in future ULCB steels.

MATERIALS

The materials used in this investigation represent a range of ultra-low carbon steels
which all share a carbon level of less than 0.03%. These steels include a commercially
produced plate of I.6Mn-B-Ti, ULCB X-65 (Nippon Steel), a similar laboratory heat of
2Mn-B-Ti, ULCB X-70 (United States Steel), and two experimental chemistries of new
ULCB type steels The two experimental steels are the result of a ULCB steel alloy devel-
opment program being performed at the University of Pittsburgh.

The chemical compositions of the subject steel plates are give in Table 3 together
with the assigned DTRC material code and source of each plate. The common features of
all these steels, in addition to low carbon, are the alloying elements titanium, boron, and
manganese. Table 4 is a short summary of the casting and rolling history of these plates.
The six plates of I Mn-Mo--Ni steels designated GHB, GHD, GHG, GHC, GHE, and
GHH were the result of a rolling reheat temperature variations study of two plate chemis-
try compositions. This study was performed at the University of Pittsburgh. The room
temperature tensile mechanical properties of the subject plates are listed in Table 5. All
the materials displayed good ductility, and all but one plate had yield strengths over 70
ksi (500 MPa).

The optical microstructures of the steels are shown in Figs. 15 through 22. The me-
tallographic specimens were all hand polished with a series of abrasives down to a size of
1 p.m. The typical etch used to reveal the microstructure was 15 seconds in 2% Nital fol-
lowed by about I minute in 2% Picral, unless otherwise stated. All of the plate materials
had clean microstructures with very few large inclusions since they were to be representa-
tive of modem clean steelmaking processes.
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In Fig. 15, there are two photomicrographs of the 1.6Mn-B-Ti, ULCB steel from
Nippon Steel (GEM). The structur here is not bainitic but appears to be polygonal fer-
rite with fine elongated grains. The typical grain size is 3 to 6 pim high and 5 to 15 iLm
long. The structure most likely resulted from extensive rolling above the bai- te start
temperature taking advantage of the "bay" created by the effect of boron as shown in Fig.
2. At the X-65 strength level, tins structure of the fine ferrite produced the requiied
e'rength with excellent toughness.

Figure 16 presents the photomicrographs of the high manganese (1.9 Mn-B-Ti)
ULCB steel plate (GCZ). This material has an acicular/bainitic structure which requires
the use of transmission electron microscope analysis to provide full description. Within
the structure there appear to be small islands of retained austenite or M-A constituent
[551. The microstructure does not appear to have any significant grain elongation indicat-
ing that the plate did not receive any significant rolling reduction in the low temperature
range.

The microstructure in Figs. 17 (GHB), 18 (GHD), and 19 (GHG) are from the three
plates of the same chemistry; 0.02%-C, 1-Mn, 0.5-Mo, 0.5-Ni. The microstructure is
mainly acicular/bainitie, possibly with some polygonal ferrite. The structure appears to
be elongated as a result of the austenite deformation without recrystallization. This 'pan-
cake' structure is inherited by the transformed structure. The elongated grains have
approximate dimensions of 10 by 20 gtm. The microstructure which appears to have the
largest grain size was plate GHG which was rolled after a reheat treatment of 1250'C.

Figures 20 (GHC), 21 (GHE), and 22 (GHH) are from the beat of steel containing
0.02%-C1, 1-Mn, 1-Mo, i-Ni. These steels appear very similar to the leaner steels dis-
cussed above. However, a reduction in grain size is evident with these more highly
alloyed plates having a finer structure of elongated grains. This may reflect an increase
in the recrystallization temperature of the steel with increased molybdenum content.

EXPERIMENTAL METHODS

This investigation was designed to measure and analyze the fracture toughness of
ULCB steel plates. This was performed using quasi-static and dynamic notch bend tests.
The test specimens were machined in the TL orientation following ASTM E399-78.
This orientation will apply the maximum tensile load across the rolling direction with the
notch pointing along the rolling direction. The quasi-static notch bend test used a 1/2
inch (12.7 mm) square bar with a minimum length of 3-1/4 inches (85 mm). The speci-
men was machined with a 45 degree notch cut to a depth of 1/3 the thickness with a root
radius of 0.010 inch (0.25 mm) as shown in Fig. 23. These notch bend specimens were
tested under four point bend loading in a screw driven Instron test machine with a 5000
Kg capacity. The tests were performed with a cross head speed of approximately 2 mm/
minute. The length of the specimen containing the notch (approximately 12 mm) had an
iron-constantan thermocouple held near the notch with several layers of masking tape,
which also insulated the specimen to reduce thermal fluctuations. The specimen and four
point bending fixture were placed in a thermally insulated bath containing liquid nitro-
gen. The level of the liquid nitrogen varied with the required test temperature. Before
each test the specimen and loading fixture were given time to thermally equilibrate,
which resulted in temperature variations during each test of less than 3'C. After each test
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the specimens were removed from the bath and immersed in alcohol until they warmed to
room temperature. The fracture surfaces of the notched bar specimens were cut off and

saved for scanning electron microscopy (SEM) analysis. The remaining portions of the

specimens were machined into round tensile specimens. The fracture load was taken
from the plot of load versus cross head deflection.

The fracture load from each notch bend test was used to calculate the nominal bend-

ing stress using the expression:

cr. = 6M/(Bb 2 ) (11)

M = bending moment

B = thickness

b = remaining ligament under the notch

This nominal bending stress was divided by the yield stress of the steel at the test temper-
ature k, te aescnoe). ibis ratio was used to obtain the stress intensification factor R
plotted in Fig. 10. The maximum stress below the notch was calculated by multiplying
the yield stress by the stress intensification factor (R). If the specimen had undergone
significant plastic deformation and the R value was higher than 2.5, then the analysis
yields a value below the actual stress. The calculated stresses in these cases were plotted
with an arrow.

The tensile specimens were tested in a screw driven Mand tensile machine of 50 KN
capacity. The temperature of the tensile specimens was controlled in a manner similar to
that for the notch bend specimens described above. The specimens were tested with a
cross-head rate of approximately 2 nmminute. The 0.2% offset yield load was calcu-
lated using a 0.2% deflection offset from a plot of load versus cross-head deflection.
This procedure assumed that change in deflection due to elastic strain changes in the
loading train were linear with load and that all the plastic deflection occurred in the gage
length of the specimen. The temperature variation during the tensile tests was less than

30 C.

The impact notch bend test were performed using a standard Charpy V-notch speci-
men and a full size Charpy impact machine. The specimens were tested with
iron-constantan thermocouples attached. The specimens were chilled in a cooling bath
before test and inserted into the machine with a temperature less than the test tempera-
ture. The impact hammer was dropped when the specimen had warmed to the test
temperature. The absorbed impact energy was read directly from the impact machine.

RESULTS AND DISCUSSION

MATERIAL GEM 0.02-C, 1.6-MN, 0.001-B, 0.02-TI

The results of the notched bend bar tests are given in Fig. 24. The yield strength of
the steel as a function of temperature is shown in Fig. 25. The critical fracture stress to
initiate cleavage appears to be 295 ksi (2050 MPa), and also appears to be temperature

independent below - 150'C. Although this material is called a bainitic steel by its pro-
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ducer, the metallographic results shown in Fig. 15 indicate that the microstructure is
polygonal ferrite and appears more like a controlled-rolled steel. Evensen and co-work-
ers [56] reported cleavage fracture stress measurements for a series of low-carbon (0.05%
C) manganese molybdenum controlled-rolled steels. Their fracture stress values were a
function of the reheat temperature used for controlled rolling. Their critical fracture
stress values were 312 ksi (2170 MPa), 358 ksi (2490 MPa), and 377 ksi (2620 MPa) for
the reheat temperatures of 1175'C, 1140'C and 1130'C, respectively. These steels had
yields strengths similar to that of material GEM but the notched bend specimens used by
Evensen and co-workers had smaller dimensions than the specimens used in this study
with less than 1/4 the cross sectional area. The smaller specimens may have elevated the
fracture stress results which have values slightly above the stress found form material
GEM. Evensen and co-workers also reported that the observed fracture stress was very
similar for both 'he polygonal and acicular structures.

Cleavage fracture stress measurements for low-carbon bainitic steels have been re-
ported by Brozzo and co-workers [57]. Their critical stress values appeared to correlate
with the inverse square root of bainite packet size and ranged from 243 ksi (1690) MPa)
to 386 ksi (2680 MPa). These values encompass the value for the GEM plate and the
Evensen data.

The fracture surfaces of the low temperature notch-bend specimens were examined
using a scanning electron microscope (SEM). The fracture surface appeared to have qua-
si-cleavage facet sizes on the order of the grain size of material GEM (Fig. 26). SEM
examination of all the GEM fracture surfaces did not indicate any identifiable cleavage
initiation sites. Splitting of the fracture surfaces was evident on all the specimens, even
on those which did not fracture from the notch. The splits always occurred before the
final fracture from the notch. One notched bend specimen which split but was removed
from test after reaching maximum load was sectioned to reveal the fracture surface f the
split, and an SEM photograph is shown in Fig. 27. The figure shows the notch root with
some shear crack extending from the root. The figure also shows the origin of the split to
be in a region 100 to 300 jm below the notch. Closer examination of the region found
no apparent crack initiation site. One of the specimens tested at -196'C appears to have
failed as a result of the split initiating the final cleavage crack.

Splits in low-carbon HSLA steels have been studied by Baldi and Buzzichelli [583.
They reported that splits appeared to initiate at small manganese sulphide inclusions
which produced a lower fracture stress in the thickness direction. They also showed that
the material texturing produced by controlled-rolling gave rise to anisotropic plastic de-
formation stresses during the notch bend test. The stress in the thickness direction could
reach the critical fracture stress for splitting before the longitudinal stress reached the crit-
icai cleavage stress for crack growth in the TL orientation. If the splits are influencing
the cleavage initiation process in the TL orientation, then the measured critical stress of
295 ksi (2050 MPa) may be below the actual cleavage fracture stress. In either case the
fracture stress is high enough to give this material excellent impact fracture toughness
with a ductile-to-brittle-transition temperature (DBTT) of less than -75 0C, as shown in
the Charpy V-Notch specimen results (Fig. 28.)

Since the weldabihty of these steels is very important, four Charpy specimens with
simulated HAZ were tested. These specimens were prepared from blanks that were heat

14 DTRC-SME-90/39



treated in the David Taylor Research Center Gleeble Thermal Simulator to reproduce the
same thermal history as experienced in the coarse grain HAZ. The generated thermal
cycle was developed for a 3/4-inch (19 mm) plate weld with 80 KJ/in. (31.5 KJ/cm) with
a peak temperature of 1315 0C and a cooling time of 70 seconds between 800C and
500'C, The corse grained HAZ structure can produce poor toughness in steels [29]. The
results of the impact tests performed on these four specimens are plotted in Fig. 29 to-
gether with the results for the "as received" plate. Although the results are few, they do
indicate an increase in the impact DBTT of at least 50'C, since the specimens tested at
-52'C appeared to be on the lower shelf.

There was also a significant change in the microstructure of the plate as shown in
Fig. 30. The new microstructure had large bainite packets within eauiaxed prior austenite
grains of 30 to 40 .m in size. There also appeared to be some islands of martensite/aus-
tenite (M-A) constituent along some grain boundaries. The increase in grain size and the
complete loss of the pancake structure indicates that the grains recrystallized at some
temperature at or below the peak temperature of 1315C. Studies of the effects of tita-
nium on the grain coarsening temperatures reported that these temperatures were above
1300'C [59] and above 1400'C [60]. The grain growth observed in the current study had
a driving force sufficiently great to overcome the grain boundary pinning action of the
Ti(C,N) and the Nb(C,N) particles. A significant portion of the driving force was prob-
ably the result of the controlled rolling of the ferrite grains.

The SEM analysis of the fracture surfaces of the Gleeble-treated impact specimens
showed that the surfaces were quasi-cleavage. The analysis also revealed three changes
in the fracture surfaces compared to the fracture surfaces of the "as received" specimens.
First, the cleavage facet size had increased to the size of the new prior austenite grain size
(30-40 Km), as seen in Figs. 31 and 32. Secondly, the fracture surface appeared to have
areas of secondary cracking along prior austenite grains (Fig. 31). Finally, the SEM anal-
ysis revealed possible cleavage crack initiation sites as shown in Fig. 32. When the
region shown in Fig. 32 was examined using a stereographic pair of photographs, there
appeared to be a flat sided cubic depression measuring about 2 pam in the initiation site
together with a small round inclusion. The depression may have been caused by a TiN
cube which was lost and the small inclusion may have been manganese sulphide.

Although the Gleeble thermal cycle affected the austenite grain size, the peak tem-
perature of 1315'C was too low to affect the large TiN particles which are precipitated at
much higher temperatures [59]. This loss of cleavage fracture resistance cannot be asso-
ciated only with the presence of the TiN cubes since they were existing in the "as
received" plate but in a benign state.

In order to further investigate the effects of changes in microstructure on the cleav-
age fracture of this steel, specimen blanks were heated to 1000°C for 25 minutes and
oil-quenched. These blanks were then aged for 24 hours at 500'C in an attempt to pre-
cipitate all the niobium and develop the same yield strength as the initial plate. The
resultant microstructure is shown in Fig. 33. This microstructure is similar to the Gleeble
treated material with a slightly smaller austenite grain size of about 20 microns, and with-
out any apparent M-A constituent. The yield strength of the heat treated (HT) material.
1.6 Mn-B-Ti ULCB (GEM), (Fig. 34) was very similar to the initial material with only a
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small increase in the room temperature properties and nearly identical yield strength at
the lower temperatures, as observed by comparing Figs. 34 and 25.

A series of notch bend tests were performed using the HT 1.6Mn-B-Ti TLCB ma-
terial (GEM). The test results were plotted in Fig. 35, together with the results for "as
received" material. At the test temperatures above -196'C, there appears to be a signifi-
cant reduction in the critical fracture stress from 295 ksi (2050 MPa) to about 250 ksi
(1750 MPa). The fracture surfaces of the specimen tested at -196 0C appear similar to the
specimens tested at higher temperatures with no indication of a change in fracture mode.
This effect could be the result of the small plastic zone not sampling any large (TiN)
crack nucleation site, so that fracture was initiated from some smaller sites at a high local
stress level.

The results of an SEM study of the fracture surfaces revealed the features similar to
those observed on the Gleeble treated specimens shown in Figs. 31 and 32. These results
for the HT 1.6Mn-B-Ti ULCB material(GEM) appear in Figs. 36 and 37. The facet size
and intergranular cracking are shown in Fig. 36. and a typical initiation site is shown in
Fig. 37.

The effect of the reduced critical fracture stress on the impact toughness of this ma-
terial is a shift in the DBTT of nearly 150'C as shown in Fig. 38. An estimate of this
shift in the impact toughness transition curve from the critical fracture stress data would
be possible if a dynamic yield stress versus temperature curve was available. Superim-
posing such a curve onto Fig. 36, with the correct stress intensification factor for a
Charpy specimen, would indicate the ductile and brittle temperature ranges as shown in
Fig. 6. The critical fracture stress could be assumed not to change with strain rate as re-
ported by Oates [61 ] and by Hendrickson and co-workers [621. The HT 1.6 Mn- B-Ti
ULCB (GEM) specimens appear to have a microstructure similar to that in the coarse
grained HAZ (CGHAZ) sample and therefore indicate that the CGHAZ of a weld of this
steel would have a brittle region with low resistance to cleavage fracture.

This CGHAZ region with it low toughness would be pa-ticularly vulnerable to
cleavage in a structure because the strength of the CG HAZ is not higher than the base
plate. This condition would lead to early yielding in the CG HAZ due to the notch effect
caused by the weld cap or the possible higher yield strength of the weld metal causing a
metallurgical notch. In either case, the CG HAZ could experience high stresses and pos-
sible cleavage fracture.

In summary, it appears that thi material, with a fine polygonal ferrite microstruc-
ture, has excellent base metal toughness. However, the recrystallized HAZ has a large
grained bainite structure with lower resistance to cleavage fracture. The initiation of the
cleavage fracture appears to be associated with the pre-existing TiN cubes.

MATERIAL 0.02-C, 1.9-MN, 0.001-B, 0.02-TI ULCB STEEL

This 1.9 Mn-B-Ti steel (code GCZ) was chosen as an example of the X-80 grade
ULCB steel. The critical fracture stress measurements for this material are plotted in Fig.
39 and the yield strength values are shown in Fig. 40. The cleavage fracture stress ranges
from 230 ksi to 250 ksi (1600 MPa to 1700 M.VLn) and appears to be temperature indepen-
dent down to - 175 0C. At a temperature of -196C the critical fracture stress values
increase to 280 ksi (1950 MIPa). This curve is very similar to, but slightly lower than, the
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results shown in Fig. 35 for the heat treated 1.6 Mn-B-Ti ULCB steel (GEM). In addi-
tion the two materials have very similar yield strength versus temperature curves (Fig. 40
and 25) and the low critical fracture stress of material 1.9 Mn-B-Ti ULCB (GCZ) pro-
duced a high impact transition temperature of about 0°C as shown in Fig. 41, which is a
plot of the Charpy impact toughness results. The fact that GCZ has a lower DBTT than
the heat treated GEM with a slightly lower cleavage fracture stress may be a function of
the difference in the tensile strain rate dependence of the materials. The photomicro-
graphs in Fig. 16 appear to show some islands of M-A constituent. If these islands are
contributing to the low toughness as has been suggested [55], then perhaps the toughness
would improve if the hard regions were tempered. Two temperatures, 350'C and 450'C,
were chosen to temper the martensite without changing the yield strength of the bainite
matrix. Speich [631 reported significant tempering of low-carbon martensite by heating
for one hour at 350'C. Several notched bar specimens were tempered for one hour at
either 350 or 450'C. The change is hardness for both groups of specimens was from an
original value of 225 DPH to 235 DPH, an increase of less than 5%. The small increase
in hardness was probably the result of an increase in Nb(C.N) precipitation. The results
of the notch bend tests for the two groups of tempered 1.9 Mn-B-Ti (GCZ) specimens
are plotted in Fig. 42 (350'C temper) and Fig. 43 (450'C temper). The two sets of results
are the same as the results for the "as received" GCZ material. These results indicate that
either the M-A phase was not present in the material or that the M-A phase has little to
do with the cleavage fracture process in this material.

It had been reported by Nakasugi and co-workers [32, 33) that these ULCB steels
need significant plate reduction below I 1000 C in order to develop the fracture toughness.
This plate had not been subjected to any deformation below 12000 C. A 4 in. by 6 in.
(100 x 150 mm) section of 1.9 Mn-B-Ti ULCB (GCZ) was heated to 1000'C for 1 hour
and then received a single reduction in a rolling mill from 0.78 inch (20 mm) to 0.5 inch
(12.7 mm). The results of the thermomechanical processing on the cleavage fracture
strength of material GCZ are shown in Fig. 44 and the yield strength results are shown in
Fig. 45. These results indicate that the reduction produced essentially no change in the
cleavage fracture resistance of the material GCZ. There was also no change apparent in
the impact toughness of the material as shown in Fig. 46. This may have been the result
of insufficient reduction below 1100C.

The SEM analyses of all the fracture specimens of the 1.9 Mn-B-Ti material, GCZ,
were similar in appearance, regardless of the tempering or reduction performed. The
fracture surfaces were all quasi-cleavage with some regions of possible intergranular sec-
ondary cracks as shown in Fig. 47. The other feature observed on all GCZ fracture
surface was the presence of TiN cubes associated with cleavage crack initiation sites as
shown in Fig. 48. This figure shows an SEM photograph of the upper surfaces of the TiN
cube immediately adjacent to a cleavage initiation site. The fig'r!. 2, has - SEM photo-
graph -n the back scattered mode which clearly shows the cubic nature of the inclusion.
All of the inclusions at these initiation sites were approximately 2 pLm in size. There were
generally two to six such sites observed on a single fracture surface. All of the sites were
calculated to be within the plastic zone generated by the notch loading. At other initia-
tion sites the TiN cube was attached to MnS inclusion as shown in Fig. 49. The results of
stereographic photography of this area indicated that the TiN cube was absent and that
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only a cubic hole in the material, which was adjacent to the MnS inclusion.remained.
Occasionally, TiN cubes were observed the were not near an initiation site as shown in
Fig. 50. In this SEM photograph of a pair of inclusions, it can be seen that one of the in-

clusions is cracked.

The inclusion identification was performed with an energy-dispersive spectrometer
called EDS on the SEM. Although an accurate quantitative analysis on a fracture surface

is not possible, a qualitative analysis is useful. Figures 51 and 52 show the results of such

an analysis. The two figures show the mating area of the two fracture surfaces of one
notched bend specimen. It can be seen that a pair of TiN cubes have been pulled out of
one surface and remained attached to the other. Again the inclusions are in a cleavage
fracture initiation site. Also on the figures are the results of EDS analysis performed on
the center of the large cube in each SEM photograph. The analysis used the 'spot mode'
on the SEM. The EDS results indicate that the titanium-rich inclusion remained intact
while an aluminum-rich part of the inclusion broke off and remained in the cubic hole.

An EDS analysis performed on a further initiation site, shown in Fig. 53, is given in
Fig. 54. In this case, two EDS analyses were performed. In one, (Fig. 54A) the spot was
placed on the small round portion of the inclusion attached to the upper portion of the
cube shown in the back scatter SEM photograph (Fig. 53). The second EDS analysis
(Fig. 54B) used an electron beam placed on the center of the cube in Fig. 53. The results
indicate that the TiN cube has a MnS inclusion attached to it.

The titanium additions in these ULCB steels are used to form Ti(C,N) which will
keep the nitrogen from the boron and form a grain boundary pinning precipitate. For this
precipitate to be effective, it must be less than 0.05 p.m in size [60]. The 2 .Lw. TiN cubes
observed in this 1.9 Mn-B-T material (GCZ) and the 1.6 Mn-B-Ti ULCB material
(GEM) are much too large to be effective for grain refiing. These large TiN cubes are
believed to be formed in all steels which have more than 0.01% Ti, as reported by Hough-
ton and co-workers [591. The particles form in the liquid steel with sizes ranging from 2

to 10 Km [641; and their population can be reduced by fast cooling to the solid state, as in
continuous casting. Once the TiN particles have been formed they cannot be removed or
dissolved without remelting the steel [64]. The TN cube can react with niobium and be-
come coated with a niobium skin [59]. Additionally, the TiN cubes can react with and
harden sulphides in steel [651. This combination of high thermal stability and high chem-
ical reactivity of the TiN cubes may prove difficult if not properly controlled.

The detrimental effects of such TiN cubes have been reported in the literature. Flo-
reen and co-workers reported finding cracked Ti(C,N) at the fracture initiation sites of
0.10%-C Fe-Ni alloys which were killed with aluminum and 0.012% titanium [66].
Smith and co-workers [20] reported that the addition of 0.015% Ti to a low-carbon-man-
ganese-molybdenum steel caused an increase in the DBTT. However. it cannot be
assumed that the presence of these TiN cubes always causes detrimental effects on the
cleavage fracture resistance of steels. If that were true then the TiN bearing steel, 1.6
Mn-B-Ti (GEM), discussed earlier in this report would not have displayed such excellent
impact toughness results.

It may be that the effective use of titanium in steel requires the production of some
particular environment around the large TiN cubes which is a function of the thermo-me-
chanical processing. The cracked inclusions shown in Fig. 50 and the EDS results
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reported in Fig. 54 indicate that there may be a weak bond between the TiN and other
attached inclusions. This bond is already under stress caused by the difference in the
thermal expansion coefficient of the TiN, A1203, and MnS, as they are cooled from the
melt [67]. The rolling below 1100'C may break and separate these particles thus blunting
the small cracks. This theory would not completely account for the low toughness of the
recrystallized 1.6 Mn-B-Ti material (GEM), since the rejoining of inclusions as a result
of recrystallization is hard to imagine. For the positive effects of the thermo-mechanical
processing to be reversible, as the data suggest, there may be some embrittling effect in
operation affecting the bonding of the large TiN cubes to the matrix. This must be inves-
tigated with high resolution analysis such as that on a scanning transmission electron
microscope (STEM) with either EDS or electron energy loss spectrum (EELS) analysis.
If some modification of the TiN bond lowers the bond strength, then cracking of the
bonds may cause the same effects as the cracking of grain boundary carbides, as de-
scribed in the RKR model [47]. The proof of the inclusion-embrittlement theory requires
further investigation.

MATERIAL - 0.02-C, I-MN, NI, MO STEELS

These steels were the result of the first stage of a ULCB steel development program
conducted at the University of Pittsburgh. The six 1Mn-Mo-i4i steels were produced
from two chemistries with three different rolling reheat temperatures as shown in Tables 3
through 5. Notch bend tests and tensile test were performed on all six materials. Howev-
er, only one material, 1-Mn-1Mo-l-Ni ULCB reheated at 1100'C (GHE), was available
in sufficient quantity to provide enough specimens to perform a reasonable fracture stress
evaluation. The results of the other five plates will be compared to the results of material
GHE.

The fracture stress measurements and the yield strength measurements for material
1-Mn-l-Mo-l-Ni ULCB (GHE) were plotted in Figs. 55 and 56. The results shown in
Fig. 55 indicate that the cleavage fracture stress may be at 300 ksi (2300 MPa). The low-
er limit of test temperature was -196'C and, therefore, the temperature independence of
this cleavage fracture stress measurement could not be verified. Nevertheless, it appears
that the cleavage fracture stress for this material was the highest of all the results of this
investigation. These results indicate that a material with an acicular/bainitic structure can
have a higher cleavage fracture stress than a material with a fine polygonal ferrite struc-

ture. This material had a reheat temperature of 1 100C, which means that all the final
rolling was performed at or below that temperature. The results for this material would
seem to agree with the work of Nakasugi and co-workers, [32, 33] which reported that
rolling below 1 100C was needed to produced good toughness. However, the few avail-

able results of the other two plates of I-Mn-l-Mo-l-Ni ULCB steels rehaeted at 950'C

(GHC) and 1250 0 C (GHH) of this chemistry shown in Figs. 57 and 58. seem to indicate
that high toughness can be obtained with reheat temperatures as high as 1250C. This
high cleavage fracture resistance may have been the result of the use of 1% nickel. Flo-
reen and co-workers reported a continual increase in the cleavage fracture stress with
nickel additions up to 3.9% in a 0.010%C Fe-Ni alloy system [66].

The three plates of 1Mn-1/2Mo-l/2Ni steel reheated at 950'C (GHB), 1100 C

(GHD). and 1250 0 C (GHG) rolled from the steel of leaner chemistry appeared to have
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cleavage fracture strength for the X-65 ULCB steel shown in Fig. 24. These results seem
to indicate that the 1-Mn-Mo-Ni alloys should have low ductile to brittle transition tem-
peratures. The Charpy impact toughness results for the six steels agree with the measured
cleavage fracture strengths. The impact transition curves were plotted in Figs. 61 and 62
from the data produced by the researchers at the University of Pittsburgh.

The fracture surfaces of the notched bend bars were examined in the SEM. The
fracture mode in all cases was quasi-cleavage as shown in Fig. 63. The fracture surface
contained very small cleavage facets similar to those in the 1.6 Mn-B-Ti ULCB material
(GEM). No cleavage initiation sites could be identified, and no TiN cubes were ob-
served. This would indicate that either no large cubes were formed or they were placed
into a benign condition, as was the case of the material GEM in the "as received" condi-
tion. This material requires further study to document the distribution of TiN cubes and
their surroundings. In addition, notched bars of this material will be subjected to Gleeble
HAZ simulations in order to measure the effect of welding on the cleavage fracture stress
in the HA.Z.

It is believed that this group of materials should not suffer any significant loss of
resistance to cleavage fracture in the HAZ as compared with the 1.6-Mn-B-Ti ULCB
material (GEM) described earlier. The acicular /bainitic structure in these materials was
produced after rolling during air-cooling and should be the same structure produced as
the result of a simulated HAZ thermal cycle. Also, the original austenite grain structure
of this material should not suffer significant recrystallization since very little grain coars-
ening was observed for the material reheated to 1250C. If the HAZ toughness
approaches the base metal properties, then the material will be near achieving the original
goals of the overall program. However, it is still necessary to understand what controls
the cleavage fracture resistance, especially in titanium treated steels.

CONCLUSIONS

The purpose of this study was to investigate the cleavage fracture of several ultra-
low-carbon-bainitic (ULCB) steels, and identify and understand the features of these
steels which contribute to or controls their cleavage behavior.

Eight different ULCB plates were subjected to slow notched bend, uniaxial tension,
and Charpy impact test. The results of these test indicate that it is possible to produce a
steel with a yield strength above 70 ksi (500 MPa) with a high cleavage fracture resis-
tance and low impact transition temperature. This can be achieved with an ultra-low
carbon steel (0.02% C) in either a polygonal ferrite or acicular/bainitic microstructure.
The polygonal ferrite microstructure was not stable when subjected to a simulated HAZ
thermal cycle, and the loss in cleavage fracture strength was associated with initiation
sites surrounding TiN cubes. The cubes were 2 p.m in size and had been formed in the
liquid steel. The low cleavage fracture toughness was also accompanied by large cleav-
age facets and high impact toughness transition temperature.

High cleavage fracture strength occurred in steels that displayed small cleavage fac-
ets, low impact transition temperature and unresolvable cleavage initiation sites. The
mechanism that causes the TiN cubes to be initiation sites in low toughness steels, while
remaining benign in high toughness steels, is unknown, but may be associated with some
embittlement mechanism. Further work is needed to describe and understand the mecha-
nism.

20 DTRC-SME-90/39



Table 4. Material processing history.

Material Material Casting Reheat
Name Code Method Temperature

Final Rolling

1 6M-B]iGEM Continuous <1100 0C

2Mn-B-Ti GCZ INGOT >1250 0C

1 Mn-O.5Mo-O.5Ni GHB INGOT 9500C

1Mn-0.5Mo--O.WN GHD INGOT 1110 0C

1 Mni-0.5Mo-O.5Ni GHG INGOT 12500C

1 Mn-l Mo--lNi GHC INGOT 9500C

1 W-1 Mo-l Ni GHE INGOT 11i00 0C

1Mn-l Mo-1 Ni GHH INGOT 12500C

Table 5. Mechanical properties at room temperature.
transverse orientation (TL).

Material Material Yield Ultimate Elongation Reduction
Name Code Strength Tensile %in Area

ksi (MPa) ksi (MPa)%

1.6Mn--B-Ti GEM 72.5 (503) 85.2 (591) 33 78
2Mn--B-Ti GCZ 75.2 (521) 96.1 (667) 34 74

1 Mn-O.5Mo-.N GHB 76.0 (527) 82.8 (575) 34 75
lMn-O0.5Mo-.5Ni GHD 80.2 (556) 86.3 (599) 33 74

lWn-O.5Mo-O.5N GHG 74.5 (577) 83.0 (576) 32 74

1lMn-1 Mo-i Ni GHC 55.3 (384) 79.1 (549) 41 74

lMn -1 Mo-i Ni GHE 74.1 (514) 97.3 (675) 32 71
1lMn-1 Mo-i Ni GHH 71.4 (495) 91.2 (633) 36 75
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Table 1. Chemical compositions of ULCB Steels.

Grade C Mn P S Ni Nb T B Al

X-65 0.02 1.60 0.02 0.003 - 0.05 0.016 0.001 0.04
X-70 0.02 1.89 0.02 0.003 - 0.05 0.016 0.001 0.04
X-80 0.02 2.01 0.02 0.003 0.03 0.05 0.018 0.001 0.04

Table 2. Tensile and impact toughness properties.

Yield Tensile Uniform Charpy Energy
Grade Strength Strength Elongation at -20oC (-450C)

MPa (ksi) MPa (ksi) %J (ft-lb)

X-65 490 (70) 580 (84) 45 340 (240)
X-70 520 (75) 630 (91) 38 141 (104)

X-80 591 (86) 716(104) 35 131 (97)

Table 3. Chemical composition of steels.
(in weight percent)

Material GEM GZC GHB, GHD GHC, GHE
Code, and Nippon USS GHG GHH

Source Steel USS USS

Element 2Mn-B-Ti 1 .6Mnv-B-1i 1 Mn-O.5Mo-O.5Ni 1 Mnt-i Mo-Ni
C 0.020 0.021 0.018 0.018

Mn 1.59 1.87 0.98 0.93

Mo - -0.52 0.97
Ni 0.02 -0.53 1.03
S 0.003 0.003 0.003 0.003

P 0.016 0.01 0.005 0.005
Si 0.14 0.15 0.15 0.15
Al 0.0021 0.047 *

Nb 0.04 0.10 0.05 0.05

T1 0.02 0.021 0.016 0.016
N 0.0045 0.003 0.005 0.004

B 0.001 0.001 0.001 0.001

-not analyzed
*addition made but not analyzed
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Fig. 15. Photomicrographs of 1.6 Mn-B-Ti steel material GEM. Etched with nital and picral.
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Fig. 20. Photomicrographs of 1 Mn-i Mo-i Ni material GHC. Etched with nital and picral.
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Fig. 24. Critical fracture stress versus temperature for 1.6 Mn-B-Ti material GEM.
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Fig. 26. SEM photograph of the fracture surface of 1.6 Mn-B-'i material GEM.
Photograph on right is area within block on left photograph.
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Fig. 27. SEM photograph of a 'split' fracture surface of 1.6 Mn-B-Ti material GEM.
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Fig. 28. Charpy impact toughness versus temperature for 1.6 Mn-B-Ti material GEM.
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FIg. 29. Charpy impact toughness versus temperature for 1.6 Mn-B-Ti material GEM
with Gleeble HAZ simulation. Square symbols = GEM as received. Round symbols = GEM
with Gleeble HAZ cycle.
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Fig. 31. SEM photograph of the fracture surface of 1.6 Mn-B-li material GEM with
Gleeble HAZ simulation showing cleavage and secondary cracks.
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Fig. 32. SEM photographs of the fracture surface of 1.6 Mn-B-li material GEM with
Gleebie HAZ simulation showing cleavage Initiation site.
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Fig. 33. Photomicrographs of 1.6 Mn--B-Ti material GEM with a Heat treatment of 25 min.

at 1000°C, oil quench, and aged 24 hrs. at 5500C. Etched with nital and picral.
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Fig. 34. Tensile ypela strength versus temperature for 1.6 Mn--l material GEM with a heat treatment of
25 min. at 100000, oil quench, and aged 24 hrs. at 55000C.
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Fig. 35. Critical fracture stress versus temperature for 1.6 Mn-B-li material GEM with a
heat treatment of 25 min. at 1 000°C, oil quench, and aged 24 hrs. at 550°C.
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Fig. 36. SEM photographs of 1.6 Mn-B-Ti material GEM with a heat treatment of
25 min. at 1000C, showing cleavage fracture and secondary cracking.
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Fig. 37. SEM photographs of 1.6 Mn-B-TI material GEM with a heat treatment of
25 mmi. at I OOOOC, showing cleavage initiation site.
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Fig. 38. Charpy energy versus temperature for 1.6 Mn-B-Ti material GEM with a heat treatment of
25 min. at 1000C, oil quench, and aged 24 hrs. at 5500C.

58 DTRC-SME-90/39



TEMPERATURE. OF

-300 -250 -200 -150 -100 -50
2400 I I I I 35

GCZ AS RECEIVED

- 300

, 2000

WU
LU LU

CL

I. I.-
c, 1800 C,

1 
- 250U U

1600

1400 II200
-200 -175 -150 -125 -100 -75 -50

TEMPERATURE, 0C

NOTE: Up-pointing arrows indicate
specimens which experienced
net section yielding

Fig. 39. Fracture stress measurements versus temperature for 1.9 Mn-B-Ti material GCZ.
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Fig. 40. Yield strength versus temperature results for 1.9 Mn-B-Ti material GCZ.
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Fig. 41. Charpy impact energy versus temperature for 1.9 Mn-B--i materal GCZ.
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Fig. 42. Fracture stress measurements versus temperature for 1.9 Mn-B-Ti material GCZ.
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Fig. 43. Fracture stress measurements versus temperature for 1.9 Mn-B-Ti material GZC.
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Fig. 44. Fracture stress measurements versus temperature for 1.9 Mn-B-Ti material GZC.
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Fig. 45. Yield strength versus temperature results for 1.9 Mn--B-Ti material GCZ rolled at 1000C.
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Fig. 46. Charpy impact toughness results versus temperature for 1.9 Mn-B--Ti material GCZ.
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Fig. 47. SEM photograph of the fracture surface of 1.9 Mn -B-Ti material GCZ showing
cleavage facets and some intergranular cracking (arrows).
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Fig. 49. SEM photograph of fracture surface of 1.9 Mn-B-li material GCZ showing
a cubic hole and MnS inclusion.
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Fig. 50. SEM photographs of fracture surface of 1.9 Mn-B--li material GCZ showing inclusions.
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Fig. 51. SEM photograph and EDS results of TiN cube on fracture surface of
1.9 Mn-B-Ti material GCZ. Mating area to Fig. 52.

DTRC-S ME-90/39 71



7j

Ti

Fe

Al TiFe

0 1 2 3 4 5 6 7 8 9 10

KeV

Fig. 52. SEM photograph and EDS results of TIN cube on fracture surface of
1.9 Mn-B-TI material GCZ. Mating area to Fig. 51.
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Fig. 53. SEM photograph using normal and back scattered mode of a TIN cube
in a fracture surface of 1.9 Mn-B-Ti material GCZ.
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Fig. 54. EDS analysis of the inclusion shown in Fig. 53.
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FIg. 55. Fracture stress rcsults versus temperature for 1 Mnr-i Mo-i Ni material GHE rolled at 11000C.
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Fig. 56. Yield strength results versus temperature for 1 Mn-1 Mo-1 Ni material GHE rolled at 11000 C.
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Fig. 57. Fracture stress results versus temperature for 1 Mn-1 Mo-1 Ni materials GHE, GHC, and GHH.
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Fig. 58. Yield strength results versus temperature for 1 Mn-1 Mo-i Ni material GHC and GHH.
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Fig. 59. Fracture stress measurements for materials GHE, GHB, GHD, and GHG.

DTRC-SME-90/39 79



TEMPERATURE, OF

-300 -200 -100 0 +100 +200
1200 1 1 175

CODE ROLLING TEMP.

* GHB 9500C

*GHD 1100C - 150
1000 A GHG 1250°C

.- 125

UU
-100 I--

600

S1 --75

400--
I I I I I I i 50

-200 -150 -100 -50 0 +50 +100

TEMPERATURE, 0C

Fig. 60. Yield strength versus temperature for 1 Mn-0.5 Mo-0.5 Ni material GHB, GHD, and GHG.
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Fig. 61. Charpy impact energy versus temperature for 1 Mn-i Mo-I Ni materials GHE, GHC, and GHH.
A =GHC rolled at 950'C, B = GHE rolled at 110000C, C = GHH rolleJ at 1250 0C
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Fig. 62. Charpy impact energy versus temperature for 1 Mn-.5 Mo-.5 Ni materials GHB, GHD, and GHG.
A = GHB rolled at 950°C, B = GHD rolled at 11OOOC, C - GHG rolled at 12500C

82 DTRC-SME-90/39



I Av

Fig. 63. SEM photograph of the fracture surface of 1 mn-i Mo-1 Ni material GHE.
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